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Abstract It is well known that thin films develop Lkge intrinsic stress during their p r e p ” .  
The intrinsic stress either odginates fmm stmined regions within the films (pin boundaries, 
dislocations, voids, impurities, etc) or at the film/substrate (lattice mismatch, different thermal 
expansion, etc) and filmlvacuum interfaces (surface stress. adsorption. etc) or is due to dynamic 
processes (reerystdallization. interdiffusion. etc). Since the magnitude of most of these stress 
contributions is directly related to film morphology. important struchual information can be 
extracted from measurements of the intdosic skess. This article presents a thorough discussion 
of today’s understanding of the p w t h  of thin films and reviews the related atomistic mechanisms 
responsible for intrinsic stress. On the basis of these ideas recent experimntal results on the 
intrinsic stress of w deposited polycrystalline and epitaxial thin metal films are discussed. 
Depending on therespective gowth modeof the films-Volmer-Weber, Stranski-Krastanov and 
F d - V a n  der Mewe m d e s 4 d s t i c  skeess behaviours are observed. In siru inhinsic 
stress measurements are merefore a promising new technique to gain additional insight into film 
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I. Conclusions 

1. Introduction 

Thin films have evolved to an important and indeed probably indispensable constituent 
of modem everyday life. Via VLSI technology (very large-scale integration) they are 
omnipresent in electronic devices, in particular in all computer systems. Other well known 
applications concern the refinement of optical devices (lenses, mirrors, filters, etc), solar 
cells, protection against corrosion and tribology. Regardless of the technique of film 
preparation (physical or chemical vapour deposition, sputtering, electrochemical deposition, 
etc) thin films develop large intrinsic stresses in the course of their deposition, which 
usually asume values that even exceed the tensile strength of the respective bulk phases 
(z 2 x IO8 N m-’ for most metals). It is therefore not surprising that intrinsic stress is 
frequently held reponsible for malfunction or failure of technologically important thin-film 
devices. Worst case scenarios are peeling off or cracking of thii films or altered physical 
properties. Obviously, from a technological point of view there is a continuous serious 
interest in measurements of intrinsic Stress. The aim of these investigations is to improve 
the conditions of film preparation in order to fabricate low-stress thin films. 

As early as the sixties and seventies considerable effort was spent to relate the intrinsic 
stress of evaporated thin metal films to respective structural features. For pertinent reviews 
of this work, particularly of the proposed stress models, the reader is refered to articles by 
Hoffman [l], Buckel [2], Campbell [3] or Kinosita [4,5]. At that time the vast majority 
of investigations was performed in high vacuum, where the partial pressures of various 
residual gas components are still high enough to permit substantial chemical reactivity with 
the deposited film material (notice that typical high-vacuum partial pressures of mbar 
cause one monolayer of contaminants in about 100 s!). However, as the composition of a 
high vacuum alters from experiment to experiment film growth and thus the related stress 
development proceeded in an ill defined, hardly reproducible manner. Retrospectively it 
seems that the final breakthrough for a mechanistic understanding of intrinsic stress was 
achieved by transfering the stress investigations to w. Owing to the well defined low- 
level vacuum conditions the experimental reproducibility was significantly improved so that 
it eventually became possible to separate the various parameters of film growth that influence 
the intrinsic stress of thii films. 

Abermann and co-workers investigated simultaneously intrinsic stress and morphology 
of a large number of different polycrystalline metal films UHV deposited onto amorphous 
substrates. By varying the growth conditions (substrate temperalure [6], partial pressure of 
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certain components of the residual gas [7-9], deposition rate [IO], substrate contamination 
[Ill,  etc) a stress model, which consistently explains all experimental data, was established. 
Depending on the mobility of the respective metals two types of stress behaviour were found 
and correlated with two different modes of island (Volmer-Weber) growth [12], namely 
columnar grain growth [13-15] and island growth accompanied by additional lateral grain 
growth in the continuous films [16,9]. Recently our g r o u p b y  studying several metal films 
growing epirmially by Volmer-Weber mode [ 17-19I-detected another archetypal stress 
behaviour. To illustrate the three types of Volmer-Weber growth the respective film forces 
as functions of the mean film thickness of the system Aghnica(001) are shown in figure 1 
(from [17]). Although the detailed discussion is postponed to sections 5 and 6, just a short 
glimpse of figure 1 impressively demonstrates the power of intrinsic stress measurements: 
due to the three growth modes three different film force against film thickness curves are 
observed. Thus, intrinsic stress measurements can be employed as a rapid and inexpensive 
fingerprint method for film growth studies. Moreover, recent results on thin films growing 
via Stranski-Krastanov and Frank-Van der Merwe modes indicate that the other two growth 
modes discussed in literature are also dominated by a very characteristic stress against film 
thickness dependence [ZO, 211. 
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Figure 1. Film forces per unit width 
against mean thickness (left-hand side) 
and time (right-hand side) of Ag films 
UHV deposited onto mica(OO1) at vari- 
ous substrate temperatures. By conven- 
tion positive and negative values denote 
tensile and compressive forces. respec- 
tively (from [17]). 
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In this article recent intrinsic stress measurements (ISMS) on zlwv deposited 
polycrystalline and epitaxial metal films are reviewed with emphasis on a thorough 
discussion of structural aspects and related stress mechanisms. The article, however, does 
not cover ISM results for ceramic thin films [22] or for metal films deposited by sputtering 
techniques (see e.g. [23] or [24]). Section 2 gives a short introduction to the cantilever 
beam technique, a widely used method for in situ stress measurements in UHV. In section 3 
the different modes of film growth are discussed including recent developments on the mle 
of kinetic parameters. Section 4 summarizes the most important stress mechanisms. In 
sections 5 and 6 representative experimental results on polycrystalline and epitaxial metal 
films, respectively, are presented. The review is concluded by a summarizing discussion in 
section I. 

2. The measurement of intrinsic stress 

The methods most commonly used to study thermal and intrinsic stress of thin films can be 
divided into two goups: (i) techniques that determine the film stress from the bending of 
the substrate (beams, plates or discs) and (ii) diffractional methods, which actually measure 
strain such as x-ray diffraction [25,26] or L m  (low-energy electron diffraction) intensity 
analysis 1271. For the latter case the film stress is calculated by H0oke.s law and therefore 
requires knowledge of the elastic constants, which are not usually available for thin films. 
Examples of both classes of techniques have been reviewed in detail in the past (see e.g. 
[l] or [3]). Here only a brief description of the very common cantilever beam technique is 
given as it has also been used for the-experiments described in sections 5 and 6. 

W 

Figure 2. A schematic illustration of the d e v e r  beam technique for measurement of the 
inlrinsic stress of thin films: the cantilever beam subsme (S) is clamped on its left-hand 
side, the right-hand end is free to move. One ps ib le  m- of determining the radius of 
the substrate curvahxe (R) is by measuring the respective s u h t e  displacement (A) with a 
differential capacitance technique (C). 

A schematic drawing is given in iigure 2. The cantilever beam substrate S is clamped 
on its left-hand side; the other end is free to move when the deposited film is under stress. 
As long as the film thickness tf is small compared with the thickness of the substrate ts, the 
respective film forces Ff (normalized to unit substrate width w w6 = wf)  are indirectly 
proportional to the radius of curvature R of the substrate and can be calculated via Stoney's 
well known formula [28,29]: 

Ff/w = cftf = ESt,2/6R. (1) 

Es is the appropriate elastic constant of the substrate. Conventionally positive film forces 
Ff and film stress U' are defined to be tensile, i.e. the average lattice parameter of the film 
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is larger than the equilibrium value [(a - %)/a0 t 01. If, on the other hand, the lattice 
parameter is smaller one speaks of compressive forces and stress [(a - ao)/ao < 01, which 
correspondingly are negative in sign. 

Polycrystalline or amorphous 1301 films deposited onto amorphous substrates such as 
glass usually exhibit isotropic biaxial stress within the film plane; the elastic constant of 
equation (1) then is calculated as Es = YJ(1 - vs), with Y, being Young’s modulus and 
v, Poisson’s ratio of the substrate I1.311. In the case of epitaxial films growing on single- 
crystalline substrates the evaluation of the film forces from the substrate deflection is more 
sophisticated. In a first approximation the film forces can be estimated by taking Young’s 
modulus Y, in the crystallographic direction of the long substrate axis. For substrates of the 
cubic crystal class, e.g., the reciprocal of Young’s modulus in direction of the unit vector 
T = (r1, r2, r3) is calculated from the expression [321 

with sij being components of the fourth-rank compliance tensor. Calculation of the exact 
value of the film forces as well as their correlation with respective film strain q j ,  however, 
requires detailed knowledge of the epitaxial film structure to solve the tensor equations 

beam axis one obtains E,  = Y,. 
The radius of the substrate curvature R can be determined either optically by detecting 

the change of the reflection angle of a laser beam (see, e.g., [22] or [21]) or-as illustrated 
in figure 2 4 y  measuring the substrate displacement A with capacitance methods (see, 
e.g., [33], [30] or [34]). In both cases lock-in assisted phase sensitive signal detection 
guarantees a high sensivity that is even sufficient for stress investigations of films with 
submonolayer thickness [ZO, 211 or of adsorbate induced surface stress [35,34], making ISM 
an important new technique for surface science studies. Further advantages of the cantilever 
beam technique are its compatibility with UHV requirements and the fact that it is an in situ 
technique, i.e. the film stress can be measured continuously during the film deposition as 
well as afterwards in order to study e.g. film recrystallization [36]. 

e. ,, - - S ~ ~ U E U  of film and substrate. For uniaxial film stress in the direction of the bending 

3. The nucleation and growth of thin films 

The growth of thin films has been studied intensively in the past by employing the entire 
spectrum of experimental tools ranging from TEM [37], SEM [38], LEEM [39] (transmission, 
scanning and low-energy electron microscopy), RHEED [40], MEED [41], SPALEED [42] 
(reflection high-, medium- and spot profile analysis low-energy electron diffraction), AES 
(Auger electron spectroscopy) [431, and STM (scanning tunnelling microscopy) [44,45] to 
He diffraction [46,47]; in addition, advanced theoretical film growth simulations were 
performed with high-speed supercomputer systems 148,491. It appears, however, that 
despite these efforts we are still far from a complete understanding of all the processes 
involved. Nevertheless this section is devoted to a short summary of the present knowledge 
on nucleation and growth of thin films. 

3.1. Thermodynamical considerations 

A decisive period of film growth is the nucleation stage at the very beginning of the film 
deposition. AIthough thermodynamics as a phenomenological theory is applicable precisely 
only to macroscopic systems, it may provide useful first insights. Since for the initially 
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formed nuclei the ratio between the number of surface and/or interface atoms to atoms 
of the bulk is rather high, their equilibrium shape will depend on the magnitudes of the 
respective free surface and interface energies. In principle, the size of the crystal facets that 
contribute to the equilibrium polyhedron can be calculated by extending the ideas leading 
to Wulff s theorem to heterogeneous nucleation. As a result one obtains a relation [50] 
between the chemical potential A p  of the nuclei and the ratio of the free surface energies 
ai (compare subsection 4.3.1) and the central distance hi of individual crystal facets (see 
figure 3(a)): 

(3) 

Here k, T and v are Boltzmann's constant, the substrate temperature and the volume of a 
single film atom, respectively; P and Pm are the respective vapour pressures of the nuclei 
and the bulk phase. As illustrated in figure 3(a) the interface is created between surface 
A of the nuclei and the substrate surface B. The specific free interface energy @* is then 
calculated as @* = @A + @B - j3 with j3 being the corresponding free eaergy of adhesion, 
which is released when the surfaces A and B are brought into contact. As pointed out by 
Bauer 9' is assumed to be independent of the size and shape of the interface [511. For an 
instructive derivation of equation (3) the reader is referred to [52]. 

a i l h i  = (a* - OB)/hAB = (@A - b)/hAB = Apf2V = (kT/Zu)In P/P,. 

Figure 3. (a) The quilibriam shape of a deposit A on a subshate B; Oj and hi an the free 
surface energies and central distances of the crystal facets i formed at equilibrium; O m  and 
hAe are the respective values of the interface AB. (bHd) A schematic illurvation of the thne 
modes of film gmwih: (b) Volmr-Weber or 3n island mode; (c) Frank-Van der Menve or layer 
by layer mode and (d) Stransld-Krastanov mode, where 3~ islands nucleate on top of one or a 
few monolayers. 

What can we learn from equation (3) with respect to the growth of thin films? An 
important clue on the 3D (three-dimensional) shape of the initially formed nuclei is delivered 
by the central distance of the interface h-, which in hun is determined by the relative 
magnitude of the free. energy of adhesion j3 with respect to QA-the free energy of the 
crystal facet forming the top of the equilibrium nuclei. Depending on the magnitude and 
the sign of h- three different modes of film growth can be distinguished. 



Intrinsic stress of thin m e t a i f i h  9525 

(i) Volmer-Weber mode. In the common case of supersaturation during film deposition 
(Ap z 0), h m  > -hA as long as B < 20.4. Because the particle thickness t perpendicular 
to the substrate plane is t = hA + hAB (compare figure 3(a)) it follows that 3D islands 
are growing (Volmer-Weber mode: figure 3@), compare also figure 10). On subsequent 
growth individual islands coalesce into larger islands that still exhibit equilibrium shapes. 
For kinetic reasons, however, at some critical island size coalescence into equilibrium shapes 
is no longer possible [53]. At this stage the first grain boundaries are formed and elongated 
islands are observed. At percolation, when the films become electrically conducting, the 
majority of islands grows together (network stage). Upon increasing coverage most of the 
deposited film material is consumed to fill the remaining open channels (channel stage), i.e. 
there is no noticahle~increase in film thickness until eventually the stage of the continuous 
film is reached. As growth proceeds, depending on the self-diffusion of the film material, 
the average grain size is preserved (columnar grain gowth) or increases laterally due to 
recrystallization processes. 

(i) Frank-Van der Menve mode. For B approaching 2@p~ the particle thickness vanishes 
(hm -+ -hA)<this means the films wet the substrate completely and film growth proceeds~ 
via the formation of 2D islands in a layer hy layer fashion (Frank-Van der Merwe mode: 
figure 3(c)). Thii is particularly the case for homoepitaxial systems where B = 29.4. Notice, 
however, that basically the same growth stages as for the 3D Volmer-Weber mode-network 
stage, channel stage, continuous layer-are passed, although in 2D. 

(iii) Sfrunski-Krafanov mode. FrequentIy a third growth mode is observed in thin-film 
investigations, where 3D islands start to grow on top of one or a few monolayers (Stranski- 
kastanov mode: figure 3(d)). The reason for this more complex growth behaviour lies 
in the specific nature of the interfaces formed. Obviously the free surface energy of the 
first deposited monolayers still deviates significantly from the value @A of the film material, 
possibly due to intrinsic stress (e.g. misfit stress [S4]) or due to the formation of an interface 
alloy or compound. The interface layer therefore can be regarded as a new substrate, for 
which the thermodynamical considerations above become effective again. 

Unfortunately two major obstacles are encountered upon applying the rather plausible 
thermodynamical theory to real fildsubstrate systems: (i) to date there is still an enormous 
lack of experimental data on the free surface and interface energies for the numerous 
possible combinations of metal and substrate surfaces, so that the predictional value of 
thermodynamics for the growth of thin films remains poor and (ii) usually film growth does 
not proceed in thermodynamical equilibrium but is controlled by kinetic parameters as well. 

3.2. The role of kinetic parameters 

The idealized thermodynamical picture discussed above relies on the assumption of a 
homogeneous substrate surface, which is characterized by a uniform 9* over large distances. 
In practice, however, such surfaces are hardly ever available. Real substrate surfaces usually 
exhibit many different defects such as vacancies, adatoms, step and kink sites [SS]. stacking 
faults [%I, dislocations [S7], domain boundaries if the substrate surfacereconsbructs 1581 and 
impurity atoms or molecules, which have either diffused out of the bulk or adsorbed from 
the residual gas. As a consequence of the inhomogeneous @*, nuclei of various equilibrium 
shapes are formed at the initial stages of film growth. In addition, most of these defects 
can be regarded as energetic sinks for diffusing atoms, as they provide adsorption sites, 
where the number of nearest neighbour atoms is increased compared with sites on the flat 
surface. Due to the resulting stronger.bonding the mean residence time of diffusing atoms at 
such defect sites is significantly increased and thus also the chance of combining with other 



atoms to form a supercritical nucleus. The presence of defects on surfaces therefore may 
have substantial influence on the nucleation rate leading to a drastically increased density 
of nuclei (e.g. decoration of steps 1591). In the same way, defects usually effect strongly 
diffusion controlled processes of the growing films. 

A parameter that counteracts the influence of defects on the kinetics of film growth is the 
substrate temperature, which determines the thermal energy of the diffusing atoms. Several 
studies [46,47,60,61] performed recently on conceptually simple homoepitaxial systems 
revealed very clearly the interaction between defect density and substrate temperature. 
Although 2~ layer by layer growth is undoubtedly demanded by thermodynamics, 
remarkable deviations were observed depending on the substrate temperature, indicating that 
the influence of certain types of defect is gradually overcome when the substrate temperature 
is raised. 

As long as the temperature is high enough, the diffusion length of the atoms suffices 
to reach the nearby ledges of steps, which are always present on real surfaces. The 
arriving atoms are then predominantly absorbed by the steps and film growth proceeds via 
a continuous movement of the step edges of existing terraces along the substrate surface. 
This growth mechanism is therefore also known as step flow growth [62]. At slightly lower 
temperatures, when the mean free path of the film atoms falls beyond the average terrace 
width, 2D islands nucleate on the terraces. They increase in size during further growth 
until they percolate. Nucleation of the next layer does not set in until nearly all channels 
of the preceding layer are filled. As the step density during this type of layer by layer 
growth alternates between high and low values, it gives rise to the the well known intensity 
oscillations of RHEED [40], MEED [41] and He diffraction [46]. An impressive visualization 
of this growth mode with STM was recently reported by Stroscio et nl [61]. At even lower 
temperatures 3D growth suddenly sets in. As discussed by Kunkel et al [46] the thermal 
energy of the atoms impinging on extended U) islands now no longer suffices to surmount 
the diffusion barrier built up by the step edges [63]. As a result, new 2D islands nucleate 
on existing 2D islands, which altogether leads to 3D growth. On further reduction of the 
substrate temperature, surprisingly, 'reentrant' 2D growth is observed again [46]. Due to the 
low substrate temperature the nucleation density of the growing films is now rather high, the 
size of the 3D islands compondingly small. It seems that the barrier for downward diffusion 
of the rougher edges of small islands is considerably lower so that it is overcome again. A 
dramatic change in film morphology is observed, when the diffusion along the step edges 
becomes the rate limiting process of film growth. In this case all particles that arrive at step 
edges stick. The morphology of the growing films then assumes dendritic shapes of fractal 
geomeq in agreement with theoretical predictions [a] for diffusion l i i t e d  aggregation 
(hit and stick mechanism). Dentritic growth was observed with STM for Ag/Ag(lll) at 
100 K I651 as well as for Au/Ru(lll) at room temperature [66]. 

The results obtained so far on the homoepitaxial systems provide already a very 
comprehensive picture of the role of defects for the growth of thin films, although admittedly 
the systems investigated are very 'ideal' compared with films of technological relevance. 
More realistic filmlsubstrate systems usually exhibit several other types of imperfection, 
which determine and influence the morphology of the growing films. Polycrystalline films, 
e.g., inherently contain many small-angle grain boundaries, which separate the randomly 
oriented single-crystalline grains. Heteroepitaxially gmwn films, on the other hand, usually 
generate misfit dislocations to account for the misfit stress due to the different lattice 
parameters of film and substrate. Another problem concerns alloying at the interface layer 
[67]. For Au/Ni(llO) intermixing in the first layer was observed, although it is forbidden 
for the bulk phases from the 3D phase diagram 1681, which implies that the possibility of 
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alloying actually has to be checked for each particular system. In recent studies small 
amounts of adsorbates (e.g. 0 [69] or Sb [70]) that continuously float out to the surface 
of the growing film have also been employed as ‘surfactants’ to enhance the degree of 
epitaxy of thin films. All in all, the situation is much more complex for heterogeneous 
tildsubstrate systems. Nevertheless, the nucleation stage can still be regarded as the most 
important period of film growth as here the morphology of the films at the end of the 
coalescence stage, when they become continuous, is established. However, if the films are 
continuous, furtber growth proceeds quasihomogeneously on their own substrates where 
essentially the conclusions derived from the homoepitaxial systems apply. 

4. Mechanisms of intrinsic stress 

Ideally, thin films are free of stress. They have grown epitaxially to perfect single crystals 
onto substrates with identical lattice parameters, hopefully at the temperature of their future 
application. So far, however, such films only have virtual existence in the dreams of 
the manufacturers. As discussed in detail in the preceding section, in reality film growth 
by no means proceeds in thermodynamical equilibrium, most of the growth processes are 
predominantly kinetically conlrolled. Therefore thin films in general contain many defects of 
different types, which constitute departures from the ideal crystal structure and thus may act 
as sources of stress. In this section the mmt common s l r s s  contributions are discussed and 
classified according to their range of adon-ither within the films or at the fildsubstrate 
and fildvacuum interfaces. 

0 P e .  e 0 .e 0 0 0 0 e. 

Figure 4. A schematic illusmion of examples of 
grain boundaries separating single-crystalline grains: 
(a) small-angle grain boundaries of polycrystauine 
thin films and @) domain walls separating epitaxially 
oriented islands of epitaxial thin film. (c) A schematic 
illusaation of the process of domain wall formation in 
the course of which compressive stless is generated (see 
the text). 
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4.1. Stress contributions within the film 

4.1.1. Small-angle grain boundaries. Polycrystalline films, in particular those growing 
by columnar grains, naturally exhibit a high concentration of small-angle gmin boundaries, 
which separate the randomly oriented grains. A schematic illustration is shown in figure 4(a), 
where the boundaries between the three crystallites are easily recognized as regions of 
reduced density. Grain boundaries have been presumed from very early on to be a possible 
source of intrinsic stress. According to Hoffman ‘. . .the interatomic forces at the boundaries 
tend to close any existing gap, with the result that the neighbouring crystallites are strained 
in tension’ [ 11. The resulting tensile stress Ugb is proportional to the total grain boundary area 
and therefore depends inversely on the average grain size B, i.e. it is larger for finer-grained 
films: 

- 
d is the ‘average atomic relaxation distance’ at small-angle grain boundaries 111. Notice, 
however, that not all grain boundaries necessarily have to be strained. For example, 
the interatomic forces at, equilibrium grain boundaries cancel out-a problem readily 
programmed in computer simulations [71]. In real films, however, nucleation of the later 
grains and in particular their positionfrelative to each other are controlled by the substrate. 
Usually, when the grains grow together, they are not located in the correct position to form 
equilibrium grain boundaries. The unanimous result of all investigations performed so far 
on the numerous polycrystalline thin-film systems is that small-angle grain boundaries on 
average produce a tensile stress contribution in the films (see, e.g., 1721, [73] or [74]). 
Grain boundary stress may also serve as explanation for the large tensile stress observed in 
amorphous metal films 1301. As has been shown by the high-resolution E M  investigations 
of Zweck et a1 [75,76] amorphous alloys consist of well ordered regions with dimensions 
of 2 4  nm, which can be regarded as randomly oriented nanocrystallites. 

4.1.2. Domain walls. In the case of epitaxial growth, when epitaxially oriented islands 
coalesce, a special type of grain boundary may be formed. An example is provided by 
epitaxial Volmer-Weber systems. Here inbinsic stress measurements 1201 revealed that 
due to the weak filmhubstrate interaction no stress component due to the misfit between the 
different lattice parameters of film and substrate is generated. Isolated islands therefore grow 
free from stress with the lattice parameter appropriate for the film material. However, since 
they have nucleated at positions determined by the substrate, the lattices of the coalescing 
islands may be improperly spaced either along one or along two dimensions as illustrated in 
figure 4(b). The boundaries between different islands can be regarded also as domain walls, 
because they separate epitaxial film domains. Respective stress investigations so far have 
revealed that on average compressive stress develops at domain walls [ZO], a result that is 
in contrast to the tensile stress of small-angle grain boundaries. Atoms that arrive at the 
domain walls and close the gap between formerly isolated islands can form a larger number 
of energetically favourable nearest-neighbour bonds by immersing in the respective deepest 
layer (figure 4(c)) and thereby generating compressive strain in both epitaxial islands. This 
interpretation is supported by the magnitude of the strain energy determined experimentally 
during domain wall formation (figure 15); this is of the order of about one metal-metal 
bond [19] and therefore certainly smaller than the respective gain in bonding energy. 
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Figure 5. Transmission elecmn micmgraphs of 100 nm thick Au filrrii: (aHc) Au films coated 
with 10 nm MgF2 and enpoad lo air 30 min &er deposition, micrographs taken 1 h, 3 h and 
20 h after the meld deposition. respectively; (d) a bare Au film, micrograph taken 1 h after the 
metal deposition; Ihe scale bar is in minomeUes (mm [361). 

4.1.3. Recrystallization pmcesses. If the self-diffusion of the deposited film material is high 
enough, the films may recrystallize actually during the film deposition and also after the 
completion of the deposition. In the course of such processes defects are annealed and the 
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average grain size of polycrystalline films is increased. The TEM images of figure 5 serve to 
illustrate film recrystallization [361. Figures 5(a)-(c) document the ongoing restructuring of 
a 100 nm thick polycrystalline Au film that has been coated immediately after its deposition 
in UHV with a 10 nm thick MgF2 film. Despite the protective layer the average grain size 
increases continuously with time until after about 20 h a stable configuration is achieved. 
The film then exhibits many grains with lateral dimensions of several micrometres. For 
comparison, a TEM image of an analogously prepared bare Au film, taken 1 h after film 
preparation, is depicted in figure 5(d). Surprisingly the morphology of the bare film closely 
resembles that of the protected film after 20 h (figure 5(c)). Moreover, no noticeable changes 
in average grain size are observed when investigating the bare film after longer periods of 
time, indicating that both films approach the same equilibrium configuration. Since both 
films were prepared simultaneously, i.e. at the same preparation conditions, they exhibited 
identical morphology at the end of film deposition. However, the time necessary to reach 
the stable configuration characterized by grains in the micrometre range is much larger 
for the protected film. Obviously the rate of recrystallization is considerably reduced by 
coating thin films with protective layers, although one has to be aware that restructuring is 
not totally inhibited. 
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By eliminating all kinds of defect (grain boundaries, voids, point defects, etc), recrystal- 
lization processes usually lead to a densification of the films and therefore should give rise to 
a tensile stress contribution (see below). The structural changes of the Au films from above 
can indeed be correlated with the simultaneous development of tensile stress. Figure 6 
shows the corresponding film forces measured as a function of time after the deposition 
of both films [36]. The film forces of the bare film reach about 85% of their final value 
(w 17 N m-') within 1 h, while the force changes of the protected film are considerably 
smaller in the same period of time (38%). Moreover, as long as the protected film it is kept 
in UHV only two thirds of the total film forces are generated. However, upon exposing the 
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protected film to laboratory air-a necessary procedure for common TEM investigation- 
an accelerated force development is observed in the course of which about 90% of the 
respective forces of the bare film are generated after 20 h. Diffusion of laboratory air into 
the MgF2 layer (as indicated by respective force changes, for details see [36]) probably 
weakens its capability to prevent recrystallization in the Au film underneath. AU in all 
the temporal dependence of the film forces directly reflects the amount of recrystallization 
leading to the morphologies imaged by TEM (figure 5). 

Chaudhari [77] hied to quantify the stress contribution due to recrystallization processes 
by assuming a volume AV, present in excess per unit area of grain boundaries compared 
with the perfect single crystal. By elimination of grain boundary area during grain growth 
from an initial average diameter Do to a final value of D the following biaxial stress a;, 
develops: 

2E 
arm = - I - V  (5) 

Using the data on morphology and stress of figures 5 and 6 a reasonable value for AV, 
of about 0.1 nm is obtained. Notice, however, that in calculating the n- by equation (5) 
no additional stress contributions have been considered that account for the e l i t i o n  
of strained regions in the films due to recrystallization, which would reduce or increase 
the recrystallization stress depending on the sign of strain, tensile (e.g. at non-equilibrium 
small-angle grain boundaries, subsection 4.1.1) or compressive (e.g. due to capilla&y stress, 
subsection 4.1.5). Recently Chaudhari's procedure has been extended by Doemer and Nix 
[78] to derive an expression for the respective rate of stress generation as well as to calculate 
the stress development during annealing of vacancies and voids in thin films. 

4.1.4. The lattice expunsion mechanism. As outlined in detail in subsection 3.1 the free 
surface and interface energies play an important role in determining the mode of film growth. 
Here another aspect of surfaces and interfaces is discussed, which concerns their influence on 
the equilibrium lattice parameter of small particles. Meanwhile it is well established that due 
to capillarity effects the lattice parameter of isolated metal particles of radius R is smaller 
than that of the respective bulk phase [79-811. As the particles grow, their equilibrium 
lattice parameter a ( R )  increases and gradually approaches the respective bulk value ao. In 
the case of thin-film growth, however, accommodation to the respective equilibrium value 
a(R)  may be inhibited, because the particles are anchored to the substrate by adhesion. 
According to a stress model by Finegan and Hoffman [82], due to the expansion of the 
crystal lattice upon particle growth a compressive strain develops inside the particles, which 
should show up as compressive stress contribution during the island stage of film growth. 

Assuming liquid like particles with a uniform surface tension @, the magnitude of the 
corresponding compressive stress can be estimated by means of the Laplace equation, which 
relates the pressure P inside small droplets to their radius R 1833: 

P = -2@/R.  (6) 

With P = K(AV/Vo)  NN 3K(Aa/&)  the lattice parameter a(r) as function of its distance 
r from the particle centre is calculated as a(r)  = &[l - 2 @ / ( 3 K r ) ] ;  K and V are the bulk 
modulus and volume of the particles, respectively. Obviously the interior atomic distances 
are compressed when compared with the equilibrium parameter a(R) =a& - 2 @ / ( 3 K R ) ]  
that corresponds to particles of diameter R. For a growth model consisting of hemispherical 
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particles of uniform size (figure 7, section 5) the film forces (normalized to unit substrate 
width w )  that accumulate until percolation due to the lattice expansion mechanism are of 
the order of Q, which usually exhibits values of a few newtons per metre [84]. ISMS 
performed so far on various polycrystalline and epitaxial Volmer-Weber films, however, 
revealed no film forces of that size at the initial growth stages (see sections 5 and 6). It 
seems that due to the weak fildsubstrate interaction adhesion of the particles is not strong 
enough to withstand the compressive stress so the majority of the laaice expansion strain is 
continuously relaxed upon particle growth. Notice, however, that lateral strain relaxation via 
particle gliding is no longer possible at percolation, when the previously isloated particles 
touch and a coherent network is formed. As a consequence a strain field corresponding to 
the particle radius Rp at percolation is stored in the films. As will be discussed in the next 
paragraph this strain field gives rise to a compressive stress conhibution in the continuous 
films. 

4.1.5. The cupilhrity stress. As discussed in subsection 4.1.4 due to capillarity effects the 
lattice parameter of isolated 3D metal particles is smaller than in the bulk. Upon particle 
growth, gliding at the interface usually ensures that the atomic distances are adjusted 
to the respective equilibrium value. Strain relaxation by gliding, however, is no longer 
possible at percolation, when the majority of particles touch to form a coherent network. 
As a consequence a strain field is stored in the film, which directly reflects the average 
particle radius Rp at percolation. For Rp > 10 nm the ‘capillarity strain’--calculated by 
equation (6)-is less than 0.1%, which for comparison is at least one order of magnitude 
smaller than ordinary values of lattice misfit. According to Abermann et 01 [lo] the 
capillarity strain is propagated into the growing film after the remaining open channels 
have been filled and therefore gives rise to a respective compressive stress contribution 
in the continuous film (‘capillarity stress’). Depending on the deposition conditions the 
capillarity stress may be observed up to film thicknesses of several hundred nanometres 
until the information of the strain field is eventually lost due to the formation of defects or 
due to the incorporation of molecules from the residual gas atmosphere into the film. 

4.1.6. Impurities. It is well known that growth and morphology of thin films are strongly 
influenced by the vacuum conditions during the film deposition. More precisely, the 
determining factor is the relative impingement rate i’, i.e. the ratio between the deposition 
rate rd (monolayers per second) and the impingement rate i (monolayers per second) of 
a certain component of the residual gas with partial pressure P, (Torr). For sticking 
coefficients close to unity i’ (E r / i  % 10-6rd/P,) should exhibit values of at least 100-1OOO 
to ensure ‘clean’ deposition conditions. Recent ISM studies have shown that deposition of 
more reactive metals such as Cr [14], Fe [15,74] or AI [9] at elevated OZ partial pressures 
leads to the formation of oxide films, when the relative impingment rate approximately 
resembles the composition of the oxides. At lower partial pressures 0 is incorporated into 
the films probably at interstitial sites or at grain boundaries as can be concluded from the 
corresponding compressive stress conhibution. An analogous behaviour was observed for 
A1 films evaporated at HzO partial pressures up to 1 x mbar [9]. Less reactive metals 
such as Ag or Cu are not oxidized up to partial pressures of 10” mbar, but a considerable 
enhancement of the nucleation rate is observed due to the decreased surface diffusivity [8]. 
Chemical reaction with residual gas, however, is not restricted to 0 2  and H20, which are 
commonly agreed to be quite reactive components. Deposition of Ti in an otherwise inert 
NZ atmosphere, e.g., leads to the formation of TI [85]. 
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4.2. Stress contributions in thefldsubstrate inteijke 

4.2.1. Misfir srress. In the case of epitaxial (= oriented) film growth the lattices of film and 
substrate are not usually identical but differ at least with respect to thc magnitude of the 
lattice constants in certain crystallographic directions. For thin films deposited onto thick 
substrates the misfit f (along a certain crystallographic direction) is conveniently defined 
as 

with .f" and a," being the stress free lattice constants of film and substrate, respectively. If the 
misfit does not exceed a critical value fait. which is usually of the order of several per cent, 
at least the first film layers may grow pseudomorphically, i.e. with perfect registry between 
film and substrate atoms. In this growth stage the misfit is completely accomodated by 
elastically straining of the films, which means that simultaneously a respective misfit stress 
contribution should be observed. It is noteworthy that the misfit stress-depending on the 
magnitude of the misfit-an assume values of 109-10'0 N m-2, which are huge compared 
with the contributions of other stress mechanisms 1201. The strain energy = Ef& due 
to the misfit increases linearly with film thickness f f ;  for coherent growth the elastic strain 
E is equal to f, for isotropic biaxial misfit the elastic constant Er is Y f / ( l -  uf). As growth 
proceeds eventually a critical film thickness tait is reached where it becomes energetically 
more favourable to introduce misfit dislocations for total or partial strain relief. In the past 
decades considerable effort was spent to theoretically predict the values of fes and tet. The 
main difficulty arises in calculating the energy Um,j per unit length of the misfit dislocations; 
notice that U,,,* includes both the energy of disregistry and the energy of the localized strain 
at the misfit dislocation. The two analytical approaches used frequently are based either 
on the Frenkel-Kontorowa model r86.871 or on the Volterra continuum model for edge 
dislocations [88,90]. Both models yield fair ageement with experiment, but due to the 
simplifying assumptions the theoretical values for feet and rait are generally significantly 
lower than the experimental ones. For in-depth reviews on this issue the reader is referred 
to articles by Matthews [89,90] and Van der Menve and Jesser [91]. 

4.2.2. Solid state reactions ardor intenfifision. When two solid phases-in our case the 
substrate S and a metallic film F - a r e  brought together, they may undergo a chemical 
reaction, by means of which a new compound (alloy for metallic substrates) FpSp is 
formed at the interface. Useful information on possible chemical reactions are provided 
by the respective 3D phase diagrams. Frequently solid state reactions are accompanied by 
considerable stress generation. As emphasized by Zhang and d'Heurle [92], however, the 
magnitude and sign of the stresses cannot not simply be derived from comparing the volumes 
of the educts (pF + 4s) and products (FpSq) of the chemical reaction. Once a continuous 
layer of FpSq has formed, which separates the two solid phases F and S, the rate of reaction 
is additionally determined by the diffusion of species F and S in the intermediate layer. 
If one species is more mobile than the other, the new phase will predominantly grow at 
the interface lying opposite to the faster component. Therefore only the volume of the less 
mobile phase has to be considered, which explains e.g. the appearance of compressive stress 
during the formation of PtSiz or PdSiz [93]. In the latter case the overall stress behaviour, 
however, is even more complex, as the reaction stress is superimposed by relaxation effects. 

A further stress contribution may arise from mobile species, which are incorporated 
into the substrate and diffuse into the growing film. Abermann [94] studied the intrinsic 
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stress of clean AI films evaporated onto AI substrate films, which were deposited at elevated 
0 2  partial pressures and therefore contained a considerable amount of dissolved 0. Here 
migration of 0 into the clean films leads to a tensile stless conhibution. Winau et nl 19.51, 
on the other hand, observed a compressive stress contribution upon interdiffusion of 0 
from superconducting YBaZCu307-, substrate films into Ag and Au films above 570 K, 
indicating that different mechanisms control the development of stress in the two examples. 

4.2.3. Thermal stress. In contrast to the stress mechanisms discussed so far thermal stress 
U* is an extrinsic stress. It is not the result of the growth process but usually arises when the 
extemal parameter ‘temperature’ (T) is changed after the film deposition. Thermal stress 
originates in the different thermal expansion coefficients of film (af) and substrate (es), 
which causes a thermal strain E* to be built up in the film: 

E* = - Er /’(af - as) dT. U* = - Er 
1 - Uf I - v r  To 

As discussed in detail by Murakami [96] the thermal stress calculated by equation (8) 
is observed only over a limited temperature range (elastic region). When the thermal 
strains exceed the elastic l i t  of the film, they are relaxed by various mechanisms such 
as dislocation glide or grain boundary diffusional creep. As the relaxation processes are 
inherently accompanied by simultaneous changes of the film morphology they are often 
detrimental for the stability and performance of thin-film devices, which are not operated 
at their fabrication temperature. 

4.3. Stress contributions in the filmrvacuum inte$ace 

4.3.1. Surfnce stress. Due to the reduced number of bondings at surfaces, the equilibrium 
interatomic distances of isolated surface layers are usually different from that of the bulk. 
Consequently, if the surface layers are arranged coherently with the crystal planes beneath, 
they experience stress, precisely surface stress. The physical property ‘surface stress’ 
straightforwardly arises by extending the thermodynamical concept of the ‘surface tension’, 
which was introduced to describe the surfaces of liquids, to the solid state. Originally the 
surface tension y is Gihbs’ l ke  energy (i.e. the reversible work) necessary for creating a 
unit area of liquid surface (A): y = (aG/aA)p,T,n. The free surface energy y of solids 
is defined in analogous manner provided that the atomic density of the solid surfaces- 
as in the liquid case-remains unchanged during expansion. Creation of new surface at 
constant atomic density, however, is only one of two possibilities for solids. New surface is 
also obtained by elastically stretching a pre-existing surface, i.e. by lowering the respective 
surface density. According to Shuttleworth [97] the corresponding free energy due to the 
elastic deformation of surfaces can be calculated by means of the surface stress tensor gij ,  

which is the strain derivative per unit area of the energy needed to create the respective 
surfaces ( y A ) :  

g i j  = ( i iA)a(yA) /a&i j  = ys i j  + ayiaei j .  (9) 

&j is the Kronecker delta. While y ,  analogous the surface tension of liquids, is a positive 
scalar and therefore independent of direction, gij  due to the term is a second-rank 
tensor. a y/a&ij accounts for the change of y upon straining the surface in certain directions 
and may assume positive (tensile) or negative (compressive) sign. An good introduction 
into the field of surface and interface stresses can be found in 1981. It should be mentioned 



Intrinsic stress of thin metal films 9535 

that the free surface energies @i used for deriving equation (3) included both the energy of 
formation and that of possible strains. 

Several first-principles calculations performed in the last few years revealed that it is 
more the rule rather than the exception that singlecrystal surfaces are subject to surface 
stress. As found e.g. for Al(111) and Al(110) [99], a y / a s i j  is of the same order of magnitude 
as y itself, namely about 1 N m-', which means that gij too can be positive or negative 
(compare equation (9)). If the surface stress is high enough, the chemical bonds to the second 
layer may be broken in order to develop more stable reconstructed surface configurations. 
For the unreconstruced (001) surfaces of Ir, Pt and Au, e.g., a large tensile stress was 
identified as the driving mechanism for the formation of the well known quasihexagonal 
overlayers [loo]. For the unreconshcted surface of Si(lll), on the other hand, only a 
weak compressive stress was calculated [loll,  indicating that the (7 x 7) reconstruction is 
not induced by surface s t ~ s s .  

So far no absolute measurements of surface stress are available [102]. In a number 
of recent experiments, however, the difference in surface stress due to the adsorption of a 
monolayer of metal or gas atoms has been measured. Upon formation of the (&ix&i)R30" 
superstructure of Ga on Si(111)(7 x 7) a surface stress difference of 1.3 N m-' was 
determined. The surface stress observed during deposition of Ge [lo31 and Ag overlayers 
[19] onto Si(W1)(1 x 2) is equal to the stress resulting from the misfit between the film and 
substrate lattices. Sander and lbach [lo41 investigated the adsorption of 0 on Si(ll1)(7 x 7) 
and Si(00l)(l x 2). Whereas one monolayer of 0 causes a large compressive stress change 
of -7.2 N on Si(lll), a tensile stress change of f0.26 N m-' was observed on 
Si(001), both values in reasonable agreement with cluster calculations based on a valence 
bond model. High values of adsorbate induced surface stress changes (-6-8 N m-') were 
also found for 0.5 monolayers of 0, C and S on Ni(OO1) [105]. 

5. The intrinsic stress of polycrystalline thin films 

The majority of stress investigations perfomed so far deals with polycrystalline metal films 
deposited onto polycrystallie or amorphous substrates (glass, coated glass, etc). Due to the 
weak filmhubstrate interaction film growth proceeds by Volmer-Weber mode, i.e. 3D islands 
nucleate at the initial stages of film growth (see subsection 3.1). As no preferred directions 
are imposed by the substrate, initial islands as well as the later grains of the continuous films 
have random orientations, both within the substrate plane and azimuthally. It is well known 
that the nucleus density at the very beginning of film growth as well as the average grain 
size of thicker films is strongly influenced by the mobility of the film atoms, which as a rule 
of thumb is lower for a higher melting point of the film material. From metals with melting 
points higher than about 1800 K finely grained films are obtained upon room temperature 
deposition (T/Tm c 0.2). Tbe average grain size of such films is approximately 10 nm and 
does not vary with film thickness. Since the gains of such films therefore exhibit columnar 
shapes, one speaks also of columnar grain growth. Metals with lower melting points, on 
the other hand, are more mobile; this concerns both the surface and the self-diffusion of 
the film atoms. The density of nuclei formed at the beginning of film growth therefore is 
significantly smaller than for columnar grain films. As illustrated in figure 7 consequently 
the average island at percolation and the later grain size are increased. Moreover in the 
continuous films the selfdiffusion is sufficient to permit considerable recrystallization, which 
manifests itself in additional lateral grain growth (compare also figure 10). Depending on 
the mobility of the film material, i.e. depending on the respective type of Volmer-Weber 
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F i p  7. A schematic illustration of the relation W e e n  the density of nuclei and the island 
radius Rp at percolation as well as the average grain diameter at the 6lm thickness 4. where 
the film becomes continuous. Notice that, for a simple growth model based on the assumption 
that &er percolation at first all open channels m filled, = 2Rp = 2t,. 
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Flgure 8. Low-mobility Volmer-Weber growth. f h  forces per unit width against mean 
thickness @eft-hand side) and time (right-hand side) of Fe, Cr (from I151 by courtesy of 
R Atermann) and Ti films ( h m  [a] by cowtesy of R A t ” )  UHV deposited at room 
temperature onto MgFz coated glass substrates. 

growth (low-mobility or high-mobility Volmer-Weber growth) two different types of stress 
behaviour are observed, which will LE discussed in the following. 

XI. Low-mobility Elmer-Weber growth (columnar grain growth) 

Polycrystalline films of metals with higher melting points (T/T, < 0.2). which grow via 
columnar grains at room temperature, exhibit a very simple stress behaviour. As examples 
the film forces of Cr, Fe (from M I )  and Ti (from 161) films are shown in figure 8. 
The film forces are tensile and increase.nearly linearly with film thickness, indicating a 
constant film stress independent of film thickness with values of 1.4 x lo9 N m-2 for Cr, 
1.3 x lo9 N n r Z  for Fe and 0.6 x IO9 N m-’ for Ti. Analogous stress behaviour was 
determined previously by Klokholm and Berry for many other high-melting-point metals 
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deposited at high-vacuum conditions [106]. In the case of low-mobility Volmer-Weber 
growth the intrinsic stress is dominated by the tensile stress at the grain boundaries (see 
subsection 4.1.1), which constitute the main defects in columnar grain films. As, due 
to the absence of recrystallization processes, the grain size is nearly independent of film 
thickness, the total grain boundary area increases almost linearly with film thickness and 
thus the corresponding film forces. Notice also that there are only very small changes of 
the film forces after the film deposition has been finished; these are probably due to minute 
thermal effects (subsection 4.2.3). This confirms that due to the low mobility of the films 
recrystallization processes (subsection 4.1.3) are indeed frozen in for Cr, Fe and li. 
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Figwe 9. Highmobility Volmer-Weber growul: film forces per unit width against mean 
thickness (lefi-hand side) and time (right-hand side) of Ag, Cu, Au (from 1161) and Al films 
(from 191 by courtesy of R A h a n n )  u” deposited at room t e m p ”  onto MgF2 coated 
glass substrates. 

5.2. High-mobiiity Volmer-Weber growth 

Figure 9 shows the film forces of the low-melting-point metals Ag, Cu, Au (&om 1161) 
and Al (from [9]), which were evaporated at room temperature onto MgFz coated glass 
substrates. Obviously the dependence of the film forces on film thickness differs in several 
points from that of the high-melting-point metals discussed in the previous section: (i) The 
film forces are at least one order of magnitude smaller than that of the columnar grain 
films. (i) The film forces are tensile and compressive as well. (iii) After finishing the 
film deposition large ongoing force changes are observed in clear contrast to the columnar 
grain films. In order to illustrate the relation between the film forces and morphological 
properties TEM micrographs of the Ag film of figure 9 in various growth stages are depicted 
in figure 10 (from [107]). To reduce restructuring (see subsection 4.1.3) all imaged films 
were protected with a thin layer of MgFz before exposing them to laboratory air. As can 
be clearly seen, film growth indeed proceeds by Volmer-Weber growth and due to the high 
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Figure 10. Transmission electron micrographs of Ag films at various mean film thicknesses, 
UHV deposited at rmm tempenom onto MgFz coated glass substrates (from [1071). In order to 
reduce morphological changes due to recrystallization all films were protected with a thin layer 
of MgFl before exposure to laboratory air. The scale bar is in micmmetres. 

mobility it is accompanied by lateral grain growth in the continuous film. Initially a large 
number of nuclei (m 1 x 10l6 d )  is formed. Incomplete coalescence to islands with 
elongated shapes occurs as early as at 2-3 nm; here the first small-angle grain boundaries 
are formed, which give rise to a respective tensile stress contribution (see subsection 4.1.1). 
At about 11 nm the Ag film percolates and remains in the channel stage up to about 22 nm, 
where it becomes completely continuous. On further growth considerable recrystallization 
leads to a steady increase of the average grain size. Notice that the film thickness rc at 
which the film becomes continuous (22 nm) coincides with the film thickness at which the 
maximum of the force curve appears-a result that has been verified beyond all doubt on 
many other fildsubstrate systems (see, e.g., [41 or [ 1081). Important in situ information 
on the average island radius at percolation Rp can therefore be derived from the thickness 
value of the force maximum. As illustrated in figure 7, for a growth model [lo71 consisting 
of hemispherical islands of uniform size, Rp = t, when after percolation at first all the 
channels are filled. Although admittedly the model is based on very crude assumptions, 
one immediately obtains a rough estimate of the average grain & size at r, from the force 
curves, and thus of the respective island density NO: & = 2Rp = 2, and NO = (l/E#. 
As will be shown in the next two sections, this information is important as it allows us 
to study the influence of growth conditions on the morphology of thin films by means of 
in situ ISMS. A shift of the force maximum to lower (higher) thickness values points to a 
decrease (increase) of Rp and correspondingly to an increase (decrease) of NO. 

According to the stress model of Abermann er nl [lo, 121 the film forces in the 
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discontinuous films (i.e. up to about 22 nm in the case of Ag) are tensile due to the 
formation of grain boundaries (subsection 4.1.1) and recrystallization (subsection 4.1.3). 
When the films are continuous, they become compressive due to the dominating effect of 
the capillarity stress (subsection 4.1.5). Notice, however, that in the continuous films also 
the measured total film stress is the superposition of the contributions of all three stress 
mechanisms. The force changes after the film deposition are indicative of ongoing film 
resmcturing (subsection 4.1.3). 

From the above growth model one can obtain a rough estimate for the magnitude of 
the capillarity stress. Inserting the thickness of the force maximum (22 nm) for R, in 
equation (6) yields -1.6 x lo8 N mz for the capillarity stress (@ = 1.8 N m-' 1841). The 
total experimental film stress (compressive capillarity stress plus tensile stresses of grain 
boundaries and recrystallization) determined from the slope of the force curve after the force 
maximum is -0.7 x lo8 N mz, in reasonable agieement with the calculated value. 

5.3. The influence of substrate temperature 

As has been discussed in detail in subsection. 3.2 the substrate temperature determines the 
thermal energy of diffusing atoms and is therefore an important external parameter to control 
film diffisivities. Thurner and Abermann [15] investigated the intrinsic stress of Cr films, 
which at room temperature grow by columnar grains (subsection 5.1). also at elevated 
substrate temperatures (figure 11). They found that upon gradually raising the substrate 
temperature to 570 K the shape of the force curves transforms from that of a low-mobility 
Volmer-Weber curve to that of a high-mobility Volmer-Weber curve, in agreement with 
parallel TWI investigations. The average grain size is less than 10 nm at room temperature 
and about 30 nm at 570 K, the latter value in good agreement with the grain size = 2tc 
derived from the respective force curve (w 26 nm). An analogous behaviour was observed 
for the high-melting-point metals Fe [15] and Ti [6]. 
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Figure 11. Film forces per unit width against mean thickness (len-hand side) and time (right- 
hand side) of Cr films UHY deposited at various substrate t e m p N m  onto MgF2 coated glass 
subsmes: 3W K, 473 K and 573 K (from [IS] by coutesy of R Abermann). 
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Recently it was shown that the growth and stress behaviour of low-melting-point metals 
is also strongly dependent on the substrate temperature. As depicted in figure 1 (from 
[17]) the shape of the film forces of polycrystalline Ag UHV deposited onto mica(001) 
switches from that of a high-mobility Volmer-Weber curve (figure 9) to that of a low- 
mobility Volmer-Weber curve (figure 8), when the substrate temperature is lowered to 
110 K. Similar results were obtained for Cufmica(llO), Anhica(OO1) and Ag/MgFz [18]. 
The experiments described in this section therefore convincingly demonstrate that the nature 
of the intrinsic stress of polycrystalline films is mainly determined by the mobility of the 
film atoms, which (among other factors) is determined by the material itself and the substrate 
temperature chosen. 
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Figure 12. Film forces per unit width against mean thickness (left-hand side) and time (right- 
hand side) of Cu films UHV deposited at various 02 partial pressures and 300 K onto MgFz 
mated glass substrates (from [SI); 01 partial pressures are in milliban. 

5.4. The influence of 0 2  partialpressure 

In the preceding sections it has been shown that growth and stress behaviour of thin films 
are strongly iduenced by the respective mobility of the film material. Here experiments 
are described where the film mobility is reduced by chemisorbing 0 on the surface of the 
growing films. Figure 12 shows the film forces of various Cu films, which were UHV 
deposited at room temperature onto MgFz coated glass substrates (from [SI). The 0 2  partial 
pressure during deposition was raised to 2.7 x mbar, which induces a number of 
striking changes on the film forces: (i) The force maximum is shifted gradually to lower 
film thicknesses, indicating a reduction of the average island radius Rp at percolation and 
correspondingly an increase of the island density due to the lower mobility of Cu. (i) 
Consequently the compressive slope beyond the force maximum increases, because the 
capillarity stress depends inversely on Rp (subsection 4.1.5). (iii) Surprisingly at higher 
film thicknesses the film forces become tensile again as obviously the information of the 
capillarity strain is lost. This is partially the result of 0 incorporation into the film and 
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probably due to a reduced recrystallization rate, which reduces the film's capability to 
anneal defects. This means that finally- in the case of the low-mobility Volmer-Weber 
films-the tensile stress of the grain boundaries (subsection 4.1.1) remains as the dominating 
siress mechanism. 

C O  I 1 

0 I O  20 30 C O  I O  16 

Thickness [ Nm I Time ( m i n )  
Figun 13. Film forces per unit width against mean thickness (left-hand side) and time (right- 
hand side) of Ni films UHY deposited at various 0 2  partial pressures and 3M) K onto M& 
coated glass subsfrates (from 1741); 0 2  patial pressures are in milliban. 

The Nil0 system (figure 13) provides an example where the 0 induced transformation 
to low-mobility Volmer-Weber mode is even more pronounced. The force curve of clean 
Ni films still reflects high-mobility Volmer-Weber growth, although the lower mobility of 
Ni compared with Cu is revealed by the vanishing contribution of the capillarity stress. A 
slight increase of the 0 2  partial pressure during deposition to 1.3 x lo-* mbar (i' = 10, 
subsection 4.1.6) causes the growth and stress behaviour to switch completely to low- 
mobility Volmer-Weber mode. It should be mentioned that 02 partial pressures in the 
10-8-10-9 mbar range are quite common in high-vacuum chamhers, so it becomes clear 
why in previous HV experiments only tensile stresses were measured for Ni films [106,109]. 

6. The intrinsic stress of epitaxial thin films 

Compared with the large number of investigations performed on polycrystalline thin films 
only a few deal with the intrinsic stress of epitaxial ,!bin films. This section summarizes the 
existing results on epitaxial films grown by the three modes of film growth (subsection 3.1): 
Volmer-Weber, Stranski-Kmstanov and Frank-Van der Merwe mode. 

6.1. Volmer-Weber epitary 

It has been well established by many TEM studies that mica(001) constitutes a typical 
Volmer-Weber substrate for the noble metals Ag, Cu and Au. At elevated substrate 
temperatures (Ag, 52&570 K [110-112]; Cu, w 670 K [113,114]; Au, 670 K [lll, 1151) 
film growth proceeds epitaxially with (111) planes parallel to the substrate. In the case 
of the stress experiments [17,18] the epitaxial nature of the films was verified with LEeD 
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(figure 14). The respective azimuthal orientations are Ag[Il?], Cu[lTO] and Au[l12] parallel 
mica[lGQ]. Whereas the Ag and Cu films exhibit sharp, single-domain LEED patterns, in 
the case of Au the degree of epitaxy is less perfect as can be concluded from the faint ring 
due to randomly oriented (111) facets (not shown in figure 14). 

Figure 14. LEE" pattems 01 (ai  clean mica(001). p"mary energy ED = 130 eV, and of 100 nm 
thick E l m  oi (bj Ag. E p  = 130 eV. and ( c )  Cu, Eo = 130 eV (from [la]). 

As indicated in the introductory section 1 for the Ag/mica(001) system, the transition 
of film growth from polycrystalline to epitaxial is accompanied by a dramatic change of 
the intrinsic stress (figure 1). While up to substrate temperatures of about 450 K film 
forces characteristic of (poycrystalline) high-mobility Volmer-Weber mode are observed 
(figure l w u e  to the increased mobility the respective force maximum is shifted to higher 
film thicknesses (see subsection 5.2)-above 450 K large compressive forces appear in 
the thickness range from 20 nm to 60 nm. The contribution of the compressive force 
increases with substrate temperature until it saturates at about 570 K. In sifu conductance 
measurements revealed that the epitaxial films percolate at film thicknesses at which the 
respective compressive force arrives at its maximum value (= 60 nm for the 570 K film). 
This means that the appearance of the compressive stress coincides with the network stage 
of the Ag films and therefore obviously is connected with the formation of domain walls 
(subsection 4.1.2) being the prevailing growth process of epitaxial Volmer-Weber films close 
to percolation. As will be discussed in more detail below, in Volmer-Weber epitaxy isolated 
islands grow with their equilibrium lattice parameter, i.e. free of stress. However, when two 
islands meet, most likely there is a mismatch at the boundary because each of the islands has 
nucleated at positions determined by the substrate lattice. ?he experiments performed so far 
agree that the strain at 'single-crystalline grain boundaries' is predominantly compressive 
rather than tensile as in the case of the low-angle grain boundaries of polycrystalline 
films. At the end of the network stage, part of the compressive strain is released by the 
sudden formation of misfit dislocations. This interpretation is supported by a previous TEM 
investigation of Matthews [IlO], who observed 10'4-10'5 dislocations per square metre in 
continuous Ag(ll1) films on mica(GQ1). The tensile stress contribution observed on further 
film growth and &er the film deposition is caused by the recrystallization processes (see 
below). 

Figure 15 collects the intrinsic smss results available so far for epitaxial Volmer-Weber 
systems: Ag(ll1) [18] and Cu(l11) [18] on mica(001) and Ag(001) on Si(001)(2 x 1) 
[19]: the corresponding E E D  patterns are depicted in figures 14 and 16. Qualitatively all 
films are characterized by an analogous dependence of the film forces on film thickness, 
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Thickness (nm) Time ( m i d  
Figure 15. Film forces per unit width against mean film thickness (lefi) and time (right) of thin 
metal films growing by epitaxial Volmer-Weber mode: curve a, Ag(ll1) and curve b, Cs(111) 
UHV deposited onto mica(OO1) at 570 K and 715 K, respectively (from [18]); curve c. Ag(OO1) 
UHV deposited at 530 K onto p-doped C(OOl)(Z x 1) (from [19]). 

i.e. in all cases the compressive stress due to domain wall formation dominates the film 
stress in the respective network stages. STM investigation of the Ag(001) film at a mean 
thickness of 5 nm impressively demonstrates its epitaxial nature: islands with mainly square 
and rectangular shapes are imaged (figure 16(c)). Individual islands have lengths between 
60 nm and 130 nm and are atomically flat over distances of several tens of nanometreS 
on their upper termination. The many open channels still visible in figure 16(c) confirm 
the film thickness of 5 nm as lying close to the percolation point of the Ag(001) film. 
Upon increasing the mean film thickness to 100 nm a remarkable transformation of a film 
microstructure to an average grain size of about 1 pm has taken place (figure 16(d)), 
thus, in agreement with the observed tensile stress contribution, indicating considerable 
recrystallization (subsection 4.1.3). To be fair it should be mentioned that the degree of 
epitaxial growth on mica(001) is usually subject to some irreproducibility (particularly in the 
case of Au) due to contaminants always present on air cleaved surfaces [I 161 and depending 
on its thermal pretreatment 11171. Nevertheless, for the experiments described above there 
is always full agreement beween the structural information derived from ISM and LEED, i.e. 
if the force curves exhibit shapes characteristic of epitaxial growth, sharp LEED patterns are 
also obtained. 

Finally it is interesting to discuss the stress behaviour of Volmer-Weber films during 
deposition of the first few monolayers. The metal films on mica(001) have grown with 
orientations causing the smallest the lattice misfit (Ag, 4%; Cu, 2%). which nevertheless 
would give rise to huge tensile stress in the range of IO9 N m-z (film forces of 
1 N m-' nm-'). In the case of Ag(OOl)/Si(001)(2 x 1) an epitaxial Ag overlayer with 
four Ag atoms within three Si lattice spacings constitutes a low-stress surface configuration 
demanding film forces of 0.3 N nm-', again a value easily detected with the stress- 
measuring device. Up to film thicknesses of several monolayers (2-15 nm), however, no 
film stress is detected at all, indicating that the substrates impose the epitaxial orientation 
on the growing metal films without transmittance of any lattice misfit. It is noteworthy that 
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Figure 16. Ag(oOl)/Si(W1)(2 x 1) gmwn 
at 530 K by epitaxial Volmr-Weber mode: 
!&Ex patterns of (a) Si(W1)(2 x 1) and (b) 
IW nm thick Ag(WI) films, Ep = 137 eV. 
(c) 744 x 744 nm2 and (d) 15W x 310 nmz 
STM top view images of 5 nm and 100 nm 
thick epitaxial Ag(W1) films. tespnively: 
Cl, = -500 mV, !, = 10 nA (from I191). 

Matthews ,urived a! the same conclusion for the system Ag(1 ll)/mica(001) upon interpreting 
the Moirb Mogcs of Ag islands imaged with EM [W]. The absence of film stress at low film 
thicknesscs is more and more established as a general property of Volmer-Weber growth, 
for both the epitwial iuid polycrystalline versions; this can, however, be easily understood 
i n  terms of the limited :tdhesion due to the weak filmlsubstrate interaction, which is the 
r,eccss;l:y prerequisite for Volmer-Weber growth (subsection 3.1). 

6.2. Stranski-Krarmv epirary 

The film stress developing during Stranski-Krastanov growth is introduced for 
Ag(1 ll)/Si(001)(2 x l), a Stranski-Krastanov system well established in literature. Ac- 
cording to a L E D  study by Hanbiicken and Neddermeyer, flat, epitaxial Ag(ll1) islands 
grow at 300 K on top of the Si(001)(2 x 1) dimers [118] without lifting the (2 x 1) re- 
construction (figure 17(a)). STM revealed that film growth proceeds by Stranski-Krastanov 
mode with the initial adsorption of Ag occurring at the twofold bridge sites between ad- 
jacent dimer rows [119,120]. Figure 18 shows the film forces of epitaxial Ag(l11) films 
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Figure 17. Ag(lllYSi(001)(2 x I) 
gmwn af 300 K by StransLi-Krastanov 
mode: (a) the shucfural d e l  accord- 
i n g t o [ l l S J ; ( b ) l ~ ~ ~ p a n e r n o f ~  
two Ag(ll l)  domains, Ep = 134 eV 
(fmm W1). 

Figure 17. Ag(lllYSi(001)(2 x I) 
gmwn af 300 K by StransLi-Krastanov 
mode: (a) the shucfural d e l  accord- 
i n g t o [ l l S J ; ( b ) l ~ ~ ~ p a n e r n o f ~  
two Ag(ll l)  domains, Ep = 134 eV 
(fmm W1). 

Figure IS. Film forces per unit width against mean film thickness (left) and time (right) of 
epitaxial Ag(ll1) films grown at 300 K by Suanski-Kmtmov mode on Si(WI)(Z x I )  (fmm 
1191). 

Figure IS. Film forces per unit width against mean film thickness (left) and time (right) of 
epitaxial Ag(ll1) films grown at 300 K by Suanski-Kmtmov mode on Si(WI)(Z x I )  (fmm 
1191). 

that--because of the two possible Si(OO1) terminations+onsist of two domains rotated by 
90" (compare the LEED pattern of figure 17(b)). In contrast to the epitaxial Volmer-Weber 
films with neglegible film forces in the initial stages of film growth (subsection 6.1) a huge 
tensile stress contribution is ObServed during adsorption of the first three Ag monolayers. 
The maximum stress of 1.1 x lo9 N m-2 develops immediately after starting the deposition 
up to 0.7 monolayers of Ag. The observed stress value is i.1 good agreement with the misfit 
stress of (2 x lo9)/? N m-2 calculated for an epitaxial Ag overlayer consisting of three 

that--because of the two possible Si(OO1) terminations+onsist of two domains rotated by 
90" (compare the LEED pattern of figure 17(b)). In contrast to the epitaxial Volmer-Weber 
films with neglegible film forces in the initial stages of film growth (subsection 6.1) a huge 
tensile stress contribution is ObServed during adsorption of the first three Ag monolayers. 
The maximum stress of 1.1 x lo9 N m-2 develops immediately after starting the deposition 
up to 0.7 monolayers of Ag. The observed stress value is i.1 good agreement with the misfit 
stress of (2 x lo9)/? N m-2 calculated for an epitaxial Ag overlayer consisting of three 
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close-packed Ag rows within two Si lattice spacings (figure 17(a)) as suggested in [llS]. 
The factor of 4 is due to the fact that only one of the two Ag(ll1) domains gives rise to 
a bending of the cantilever beam along its long axis. At Ag coverages higher than three 
monolayers the film forces remain nearly wnstant indicating the beginning of 3D island- 
ing of the films. The stress results therefore also strongly support the Stranski-Krastanov 
mode for film growth. Two more points are noteworthy. (i) The good agreement between 
experimental and calculated misfit stress is really surprising as it suggests that the elastic 
constants of even ultrathin films are already close to the bulk values. (ii) The misfit strain 
built up at the interface region of the first monolayers is stored upon further film growth 
and therefore is not effected by the process of 3D islanding. 

Similar results were reported by Schell-Sorokin and Tromp on the semiconductor 
Stranski-Krastanov system Ge/Si(001)(2 x 1) 1211. The experimental stress of -5.7 x 
lo9 N m-2 determined between two and four monolayers of Ge is again in good agreement 
with the misfit stress of 6.0 x lo9 N m--z calculated for a Ge sample compressed by 4.3% 
as demanded by the lattice mismatch between Si and Ge. 

6.3. Frank-Vm der Menve epiiary 

Although layer by layer or Frank-Van der Merwe growth is found frequently for metals 
growing on metals (see. e.g., [121], [41] or [46]), no results on corresponding film stress 
have been reported to date. The main reason is certainly the difficulty of preparing metallic 
single crystals with dimensions of cantilever beam substrates. Recently Winau et a1 [I221 
investigated the homoepitaxial thin-film system Si/Si(OOl), where-as should be expected 
[123]-no film stress is observed; the residual gas pressure during deposition, however, has 
to be better than 5 x lo-'' mbar. At higher deposition pressures considerable compressive 
stress develops due to incorporation of gas contaminants into the growing Si films. 

Figure 19(a) presents the film forces of epitaxial Fe(CU1) films UHV deposited onto 
MgO(oO1) at 650 K [124]. According to a LEED intensity analysis by Urano and Kanaji 
[125] film growth proceeds layer by layer with the Fe atoms sitting on top of the 0 ions 
at the stage of one monolayer. The film stress of 3 x lo9 N m-z corresponding to the 
linear part of the force curve of figure 19(a) is close to the misfit stress of 6 x lo9 N m-2, 
particulady when considering the lower surface quality of the MgO(001) substrates available 
compared with the Si substrates. Although the film forces at first sight appear to be similar 
to those of the Stranski-Gastanov films--huge misfit stress developing during the initial 
stages of film growth (figure 18 )-a remarkable difference becomes evident on closer 
inspection. In contrast to the Stranski-Krastanov films, where the film forces become 
constant upon islanding after deposition of a few monolayers (subsection 6.2). in the case 
of Fe(oOl)/Mg(OOl) misfit stress is observed up to 60 monolayers. Obviously then the strain 
energy is high enough to favour the formation of misfit dislocations as the main mechanism 
for strain relief on further growth. As in the case of the Stranski-Krastanov films a strained 
layer is left at the filmhubstrate interface, which for Fe(OOl)/Mg(OOl) has an average 
thickness of about 8-9 nm. The entire slress behaviour of Fe(OOl)/Mg(oOl) therefore also 
strongly points to Frank-Van der Menve mode; additional experimental verification by STM 
is in progress. 

7. Conclusions 

Systematic investigation of a large variety of thin film systems at different growth conditions 
performed in the last few years has disclosed many details of the relation between intrinsic 



Znm’nsic stress of thin metalfi[mr 9541 

Figure 19. (a) Film farces per unit width against mean film thickness (lefl) and time (right) of 
Fe(OO1) UHV deposited onto MgO(001) at 650 K. (b). (c) LEU) patterns of (b) clean Mgq001) 
and (c) 50 nm Fe(001). Ep = 93 eV (from [ZO]). 

stress and the microstructure of the thin films on an atomistic basis. Meanwhile a profound 
understanding has been achieved for polycrystalline films, where the growth and stress 
determining parameter was identified in the mobility of the film atoms. Depending on 
the respective mobilities two different types of film growth are observed, namely low- 
mobility Volmer-Weber growth (i.e. columnar grain growth) and high-mobility Volmer- 
Weber growth, both exhibiting quite characteristic stress behaviour. Whereas in low- 
mobility Volmer-Weber growth the film stress is dominated by the grain boundary stress, 
in the case of high-mobility Volmer-Weber growth it is the sum of the capillarity, grain 
boundary and recrystallization stresses. The intrinsic stress of epitaxial thin films has 
been studied to a much lesser extent. From the results at hand, however, it is already 
possible to deduce some general aspects, which again point to a growth mode specific stress 
behaviour that in this case is typical for the three modes of epitaxial growth, i.e. Volmer- 
Weber, Siranski-Krastanov and Frank-Van der Meme modes. Perfect homoepitaxial growth 
basically proceeds free of stress. Both hetermpitaxial Frank-Van der Menve and Stranski- 
Krastanov films are generally dominated by large misfit stress in the early stages of film 
growth, Stranski-Krastanov films during deposition of a few monolayers, Frank-Van der 
Merwe films up to coverages of several tens of monolayers. The film forces become 
constant when 3D islands nucleate in Stranski-Krastanov growth, and upon formation of 
misfit dislocations in Frank-Van der Menve growth, when the strain energy exceeds a 
critical value. For the films under investigation a strained layer remains at the fildsubstrate 
interface. The Volmer-Weber mode, in contrast, is characterized by the absence of misfit 
stress during the nucleation and island stages due to the low filmhubstrate interaction. In 
the network stage, however, when individual islands coalesce, huge compressive stress 
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develops upon formation of domain walls because of the mismatch between the islands’ 
nucleation centres. In summary, the experimental results on intrinsic stress and growth of 
thin films reviewed in this article have led to a very comprehensive picture on the atomistic 
mechanisms of intrinsic stress, although the general validity of the stress mechanisms 
involved in epitaxial growth should be tested by other fihdsubstrate combinations. As 
experimental results clearly show the importance of film stress for film growth phenomena 
future molecular dynamic studies on the growth of thin films should include the parameter 
of intrinsic stress. 
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